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Abstract—Damage evolution was investigated in silicon carbide by subjecting it to dynamic deformation in
(a) a compression Hopkinson—Kolsky bar (compressive stresses of 5 GPa), and (b) high-velocity impact
under confinement (compressive stresses of 19-32 GPa) by a cylindrical (rod) tungsten alloy projectile.
Considerable evidence of plastic deformation, as dislocations and stacking faults, was found in the frac-
tured specimens. A polytype transformation was observed through a significant increase in the 6H-SiC
phase at compressive stresses higher than 4.5 GPa (in the vicinity of the dynamic compressive failure
strength). Profuse dislocation activity was evident in the frontal layer in the specimen recovered from the
projectile impact. The formation of this frontal layer is proposed to be related to the high lateral confine-
ment, imposed by the surrounding material. It is shown that plastic deformation is consistent with an
analysis based on a ductility parameter (A = Kc/t,+/nc). The microstructural defects and their evolution
were found to be dependent on the concentration of boron and aluminum, which were added as sintering
aids. Several mechanisms are considered for the initiation of fracture: (a) dilatant cracks induced by mis-
match in the effective elastic moduli between two adjacent grains, leading to internal tensile stresses and
creating transgranular fracture. Finite element calculations show that high tensile stresses are generated
due to elastic compatibility strains; (b) Zener—Stroh cracks nucleated by the piled up dislocations along
grain boundaries, and resulting in intergranular fracture; (c) cracks due to existing flaws connected with
grain-boundary phases, voids, etc.; and (d) stress concentrations due to twinning and stacking faults. The
high dislocation density observed in the impacted specimen is consistent with existing models of
microplasticity. © 2000 Acta Metallurgica Inc. Published by Elsevier Science Ltd. All rights reserved.
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1. INTRODUCTION

In ceramics, high homologous temperatures are
usually required for plastic deformation; the intrin-
sic resistance to dislocation motion makes them
brittle. At ambient temperature, failure is most
often initiated by crack propagation. The failure
strength of ceramics is strongly dependent on the
stress state, and lateral confinement plays a major
role in damage evolution. The effect of lateral con-
finement has been recognized as early as 1924 by
Griffth [1] and was incorporated into a failure cri-
terion. It was modified by McClintock and Walsh
[2] to include the effect of friction of crack surfaces.
Castaing et al. [3] demonstrated that, under super-
imposed hydrostatic stresses, Al,Os; can undergo
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significant plastic deformation by dislocation
motion at ambient temperature. Mitchell, Pletka,
Heuer and co-workers [4—6] developed a work-hard-
ening theory for Al,Os, based on the interaction of
prismatic dislocation loops with gliding dislo-
cations. They incorporated the effect of impurities
as solid solution strengthening. In shock-wave
propagation, a fully confined stress configuration is
generated (uniaxial strain state) and the Hugoniot
elastic limit (HEL) is usually observed in the range
of 10-25 GPa. There has been considerable debate
as to the nature of Hugoniot elastic limit; it has
been interpreted as either the onset of fracture
(comminution) or the beginning of plastic defor-
mation. In high-strain-rate deformation, there is a
proposal by Lankford [7] that fracture in Al,Oj
specimens tested in unconfined (uni-axial stress)
conditions at 10* s~' was initiated by plastic defor-
mation (deformation twins). Results by Hoke et al.
[8] on TiB, seem to confirm that plastic defor-
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mation plays a role in the initiation of failure under
dynamic loading. Chen and Ravichandran [9] inves-
tigated the dynamic response of AIN under various
degrees of lateral confinement and have obtained a
considerable dependence of failure stress on the lat-
eral stress. They have also suggested that plastic de-
formation plays a role in failure. Louro and Meyers
[10] found a considerable amount of dislocation in
alumina subjected to impact loading at pressures in
the range of 5 GPa. Espinosa [11] and Espinosa et
al. [12], using both normal and inclined impact ex-
periments in high-purity alumina and VISTAL
(Al,O5-glass), found some dislocation activity, but
did not attribute too much importance to it. The
plastic flow of intergranular glassy regions was con-
sidered as the principal mechanism of damage in-
itiation.

In order to elucidate the micromechanical pro-
cesses responsible for the initiation of dynamic fail-
ure in silicon carbide, two testing methods,
providing different stress states, were used: (a)
dynamic compression testing under unconfined, uni-
axial stress (split Hopkinson—Kolsky bar) and (b)
dynamic compression under full confinement pro-
vided by conditions under impact with long rod
penetrator. Two hot-pressed silicon carbides, repre-
senting the two most important additive families
(B-doped and Al-doped SiC) were studied. The
choice of SiC is based on its excellent ballistic prop-
erties, which are the consequence of low density,
high hardness, and high Young’s modulus.

2. MATERIAL AND EXPERIMENTAL PROCEDURES

Two different silicon carbides (designated by
SiC-I and SiC-II) were investigated in this study.
Standard hot pressing procedures were used to fab-
ricate these materials where ¢-SiC powder was first
mixed with sintering aids [13]. The blended powder
was loaded into a graphite die and then hot pressed
above 2000°C at 18 MPa under a controlled atmos-
phere. SiC-I is a conventional SiC, using boron and
carbon as sintering aids. The carbon removes the
oxide layer which inhibits the densification [13].
Boron, the main addition in SiC-I, is believed to
create atomic vacancies to promote grain-boundary
diffusion [14-16] and enhances the sintering kin-
etics. SiC-II, using an Al-based compound as the
sintering aid, is a ballistic grade SiC, commercially
sold as CERCOM SiC-B.

The fracture toughness was obtained using the
Chevron-Notch four-point bending test [17]. The
flexural strength was measured using the procedures
outlined in ASTM C-1161 (four-point-bending,
using the type-B configuration), and the probability
of failure was calculated from the flexural strength
data, using Weibull statistics [18]. Elastic properties,
longitudinal speed (¥1), and shear speed (Vs) were
measured using the ultrasonic technique. The den-
sity of hot-pressed SiC was determined using the
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water absorption method (ASTM C-373). Hardness
was measured using Knoop micro-hardness tech-
nique at 300 gf of loading (ASTM C-1326).
Average grain size was calculated by an intercept
method (ASTM E-112) on etched surfaces, using
Murakami’s reagent.

The conventional split Hopkinson—Kolsky press-
ure bars were originally designed to characterize the
plastic deformation of metals at high strain rates.
To accurately investigate the deformation of cer-
amics, the following modifications were applied: (1)
a pulse shaper placed in front of the incident bar to
ensure uniform stress [19], (2) a momentum trap to
allow the specimen to undergo single loading [20],
(3) a strain gage on the specimen to accurately
measure the strain in the specimen [21], and (4) a
pair of contact platens sandwiching the ceramic spe-
cimen to prevent damage in the steel bars while the
specimen was catastrophically fractured [9, 21]. SiC
whisker-reinforced SizN4 composite (commercially
sold as CERCOM CIW15) was selected for the con-
tact platens, because of its high strength (900 MPa
flexural strength) and fracture toughness (8
MPa,/m). The cross-section of the contact platens
was machined so that their geometry impedance
(pCA, where p is the density, C is the longitudinal
velocity, and A4 is the cross-section) matched the
geometry impedance of the steel bars. This elastic
pulse deforms the SiC specimen in a uniaxial stress
condition in the absence of lateral confinement. SiC
was dynamically stressed using the modified split
Hopkinson bar at a strain rate between 400 and
800 s~

In real armor applications, material inertia and
compressive stresses induced by the bending of the
structure impose a lateral confinement, and the
strain rate is higher than the strain rate achieved in
the split Hopkinson—-Kolsky bar test. Recently,
Hauver et al. [22-25] developed a testing method to
defeat the long rod projectile at a high velocity
(1.5 km/s), in front of the ceramic target. A shock-
wave attenuator was placed in front of the ceramic
target to reduce the shock-wave damage in the cer-
amic. The ceramic was confined through a shrink-fit
metal casing, and the confinement pressure was a
few hundred MPa. Interface coupling was applied
on the ceramic front face to allow the plastic defor-
mation and flow of the penetrator. This type of
testing configuration allowed the recovery of the
impacted specimens for further microstructural
characterization.

3. RESULTS AND DISCUSSION
3.1. Quasi-static properties of hot-pressed SiC

SiC-I had a slightly lower density (3.18 vs 3.21)
and a slightly larger average grain size (5.8 vs
4.1 um) than SiC-II. SiC-I also had a slightly lower
Young’s modulus (436 vs 446 GPa), because of the
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porosity. Nevertheless, the porosity in both SiC was
<1%. SiC-I had a lower flexural strength (380 vs
542 GPa) and Weibull modulus (5.9 vs 10.9) than
SiC-II, and the probability of failure of these two
SiC is graphically shown in Fig. 1. Strength-limiting
flaws with sizes as large as 100 um were found in
SiC-I. In contrast, similar strength-limiting flaws for
SiC-II were not found. This is consistent with the
higher flexural strength and Weibull modulus exhib-
ited by SiC-II.

SiC-I exhibits transgranular fracture, while SiC-II
shows intergranular fracture. It has been commonly
assumed that the fracture energy of the grain
boundary is lower than the energy of single-crystal
cleavage planes. This assumption has been used for
qualitative explanations of the occurrence of inter-
granular vs transgranular fracture. However, Rice
[26, 27] pointed out that the determination of frac-
ture mode is much more complicated. First, there
are greater surface areas involved in intergranular
fracture than in transgranular fracture, and the
overall energy for intergranular fracture may be
higher than the energy for transgranular fracture.
Second, the intergranular fracture exhibits a compli-
cated mixed-mode loading (Mode I and II) on the
individual fracture facets. It is believed that the
fracture mode influences the macroscopic fracture
behavior. SiC-I failed by transgranular fracture,
exhibiting a lower fracture toughness (2.5 MPa,/m);
SiC-1I failed by intergranular fracture, showing a
higher fracture toughness (4.1 MPay/m). It is
thought that the ceramic with the intergranular
fracture characteristics has a higher toughness,
because of crack deflection toughening.

3.2. Dynamic deformation of SiC under uniaxial
stress

3.2.1. Dynamic fracture of SiC. Lankford [28, 29]
demonstrated a strain rate dependence of compres-
sive strength for several ceramics, including SiC: the
compressive strength increases with strain rate. The
current results are shown, together with Lankford’s

=
o

o o o
ES o »
s .

Probability of Failure
S

b
o

200 300 400 500 600 700

—
i=3
S

G [MPa]

Fig. 1. Probability of failure: experimental results (squares)
and Weibull statistics (continuous curves).
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results, in Fig. 2(a). The SiC used in Lankford’s
study was a sintered SiC (made by Carborundum
Corporation) using boron-based additives and is
similar to SiC-1. Both SiC-I and SiC-II had com-
pressive strengths comparable to Lankford’s sin-
tered SiC in the strain rate range between 400 and
800 s~!: the average compressive strengths of SiC-I
and SiC-II are 4.7 and 5.1 GPa, respectively.
However, the average quasistatic compressive
strengths of SiC-I and SiC-II were 4.8 and 5.4 GPa,
respectively. These values are significantly higher
than Lankford’s data (4.0 GPa). Great care was
taken in specimen preparation, both for quasistatic
and dynamic tests. Specimens were polished to a
mirror finish, and the parallelism of the compressive
surfaces was controlled to within 5 pm. It was
found that the alignment of the loading is crucial in
compressive testing. During quasistatic testing, in
addition to the self-aligned compressive fixture, two
steel foils (25 pum thick) were placed on the com-
pressive surfaces to ensure the alignment of the
applied force. The shape of the specimens is also
important. Under quasistatic loading, the parallele-
piped-shaped specimens (with the dimension of 4 x
4 x 8 mm) had average compressive strengths of 4.3
and 4.9 GPa, for SiC-I and SiC-II, respectively,
which were about 0.5 GPa lower than the cylindri-
cal specimens, because of stress concentration on
the edges. As shown in Fig. 2(a), the strain rate
effect, reported by Lankford [28, 29], activates when
the strain rates are higher than 10* s~'; the current
testing configuration could only achieve strain rates
up to 800 s~'. In our modified split Hopkinson bar
testing, a pulse shaper was placed in front of the
incident bar to ensure a uniform stress. The plastic
deformation of the pulse shaper increased the rise
time during loading, but also reduced the strain
rate of the ceramic specimen. To evaluate the strain
rate effects, a Hopkinson bar with a smaller bar di-
ameter have to be used to achieve higher strain
rates. It is easy to interpret the “overshoot’ occur-
ring before stress equilibration as an increase in
strength, and this might have contributed to the lar-
ger strength values. The increase in compressive
strength of ceramics, at strain rates on the order of
10° s7' and higher, has been analytically predicted
by Nemat-Nasser and Deng [30], using interacting
cracks, and Ravichandran and Subhash [31], using
non-interacting cracks. Ravichandran and Subhash
[31, 32] proposed an expression for the critical
strain rate at which the strength becomes signifi-
cantly strain-rate dependent. From elasticity:

o. = Ee = Eét, (1)

where . is the compressive strength, 7. is the time
to propagate a crack along entire specimen, and ¢ is
the strain rate. This time is equal to the character-
istic length divided by the crack propagation vel-
ocity, C*. Since failure occurs by axial splitting, the
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characteristic length is equal to the specimen length,
Ils. Thus, the critical strain rate, £, is:
o.C*

Els -~

&=

@

Assuming that the crack propagation velocity, C*,
is equal to 0.2 Cs, where Cg is the shear wave vel-
ocity, one obtains: ¢*~2 x 10> s~ !(¢, = 5GPa; E =
440 GPa; [s = 7.6 mm; Cs =7600 m/s). This is slightly
above the strain rate used in the Hopkinson bar in
the current experiments (400-800 s™') and explains
the wvirtual absence in strain-rate dependence
observed.

Fragments were collected after high-strain-rate
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testing, and their size was estimated using optical
microscopy. As shown in Fig. 2b, SiC-II had larger
fragments than SiC-1. Grady [33] proposed an ana-
lytical model, based on the balance between the kin-
etic energy and the newly created surface energy, to
predict the fragment size:

) 2/3

where d is the fragment size, Kjc is the fracture
toughness, p is the density, C is the sonic velocity
and ¢ is the strain rate. This equation shows that
the fragment size increases with the material resist-
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Fig. 2. (a) Compressive strength of SiC under high strain rates (individual test results marked by sym-
bols). (b) Cumulative fragment size distribution.
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ance to cracking (Kjc). SiC-II had a higher fracture
toughness, and a concomitantly larger fragment size
than SiC-I, in accordance with equation (3).
However, as shown in Fig. 3(a), the predicted frag-
ment size is about one order of magnitude larger
than the measured fragment size. The Grady model
is only based on the balance of the local kinetic
energy and the energy to generate surfaces of the
fragments. The fragment size is obtained from the
minimum of the energy, E. This energy can be
expressed as the sum of the fracture energy (I') and
the local kinetic energy of the fragments 7 (this is
the kinetic energy within fragments). Thus, the total
energy, Ei, is

E =T+T. @)

This total energy, E, is provided by the dynamic

2403

event preceding fragmentation. By taking % =0
and making appropriate substitutions arrives at
equation (3). In Fig. 3(b), the minimum gives dg. If
additional work terms are involved in the energy
balance, the predicted fragment size would be differ-
ent than the size calculated from equation (3). Two
terms should be added to the energy E: a plastic
work term (W) and an internal damage term (D).
The term W represents the contribution due to dis-
locations, stacking faults, and polytypes. The term
D represents cracks within the fragments. Thus, the

total energy is:
E,=T+T+W+D. 5)

It is assumed that the energy, E, available prior to
fragmentation and damage is constant (and dictated
by the strain rate). Thus, E;=FE,. This is a more
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Fig. 3. (a) Fragment size as a function of fracture toughness. (b) Schematic representation of Grady
theory and its modification by incorporating internal damage and deformation work terms.
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realistic configuration than the original proposal
and can, if quantified, predict the correct fragment
size. The microplasticity term can be estimated
from the residual defect density (dislocations and
stacking faults). A simplified expression is
W=pGb?> (where p is the dislocation density, b is
the Burgers vector, and G is the shear modulus).
Assuming p=10"* m™2, 5 = 0.5 nm, and G = 186
GPa, one obtains: W = 46.5 x 10° J/m3. The in-
ternal damage is due to cracks that only propagate
partially through the fragments. Aimone et al. [34]
(see also Meyers [35], pp. 576—578) showed that, in
shock-loaded quartz monzonite, the total surface
energy generated is higher, by a factor between 50
and 100, than the surface energy due to the frag-
ments (between 20 and 200 mm in quartz monzo-
nite). It is also possible to make a first-order
estimate of I'. Taking the surface energy as 1 J/m?,
the particle size/surface area relationship as d4 = 6,
and a particle size d = 250 pm, one obtains: I' =
2.4 x 10*J/m3. Thus, W is one order of magnitude
larger than I'; the internal damage term, D, can be
orders of magnitude higher than T'. It is concluded
that, in the current results, microplasticity and the
internal damage of fragments play a significant
role.

The fracture surfaces of the fragments were also
examined using SEM. SiC-I failed by transgranular
fracture, and SiC-II failed by intergranular fracture.
These fracture modes under high-strain-rate defor-
mation are identical to the fracture modes under
quasistatic bending. It is concluded that the inter-
action between cracks and the microstructure is
independent of strain rate in the investigated
regions. Brokenbough et al. [36] and Suresh et al.
[37] observed, nevertheless, an increase in fracture
toughness with strain rate in ceramics (Kip/Kic =
1.1-1.4).

Some monolithic ceramics (such as Al,O; and
Si3N4) contain intergranular glassy phases. The
glassy phase can significantly influence the proper-
ties of the ceramic. For example, Cagnoux and
Longy [38] have demonstrated that the dynamic de-
formation of Al,O; containing a high amount
(10%) of glassy phase is accomplished by the
microcracking of the intergranular glassy phase. On
the contrary the deformation of pure Al,O; is car-
ried out by the microplasticity of Al,O3 grains,
through the generation and movement of dislo-
cations. Yeshurun et al. [39] studied the Al,O3 with
a glassy phase, and proposed that the impedance
mismatch is the primary factor for the microstruc-
tural damage in the phase boundaries. The micro-
cracking in the intergranular glassy phase leads to
local residual stress concentration and local heating,
through dislocation multiplication and glide, as well
as flow and crystallization of the glass [39].
Espinosa [11] studied VISTAL, an alumina-based
ceramic containing an intergranular glassy phase,
and attributed a considerable importance to plastic
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deformation of the glassy phase. Louro [40]
observed very interesting features in the glassy
phase that indicate viscous flow during impact
(Fig. 69 from [40]). Glassy ligaments between Al,O3
particles were considered as evidence of viscous
flow. Earlier reports by Yeshurun et al. [39] indicate
the same effect.

The high-resolution electron micrographs of grain
boundaries [Figs 4(a) and (b)] for SiC-I and SiC-II
show extended regions without intergranular
phases. The difference in the fracture modes
between these SiC cannot be explained using the
models derived from the glassy intergranular
phases. However, in some isolated regions second-
phase particles can be seen [see Fig. 4(c)]. The high-
resolution TEM micrographs of Figs 4(a) and (b)
show that if there are impurities along the grain
boundaries, they are on a scale escaping detection.
The banding of the structure, indicative of stacking
faults and polytypes, is clearly seen.

3.2.2. Dynamic deformation, prior to the cata-
strophic failure. Several specimens were loaded
below their failure strength to explore the damage
evolution during application of compressive trac-
tion. Longitudinal sonic velocity, along the loading
axis of the recovered specimens, was measured
using the ultrasonic technique. Results indicated
that there was no degradation in the sonic velocity,
even for the specimens stressed up to 95% of fail-
ure. Nucleation and growth of microcracks have
been proposed to cause the compressive failure of
brittle materials [29, 30]. The absence of the sonic
velocity degradation in this study may be attributed
to: (a) the possible alignment of the microcracks
along the loading axis (that cannot be detected by
the test configuration used), and (b) the low density
of the microcracks. In the absence of lateral con-
finement, the microcracks tend to align along the
principal loading direction [41,42].

SiC crystals consist of layers of close-packed
atoms, and the difference between various polytypes
is only in their stacking sequence. Numerous poly-
types have been observed in SiC [43]. Although SiC
can theoretically have an infinite number of poly-
types, 2H, 3C, 4H, 6H and 15R-SiC are the most
commonly seen polytypes. The polytype transform-
ation is influenced by the thermal stability, impurity
and gas environment [44]. Periodic slip and layer
displacement have been proposed for the polytype
transformation [44] (Fig. 5).

Tanaka and Iyi [45] developed an analytical
technique to quantitatively measure the polytype
contents using X-ray diffraction (XRD).
According to their procedure, 25 integrated inten-
sities are selected to calculate the concentration
of the five most common polytypes (2H, 3C, 4H,
6H and 15R-SiC), using a multi-regression tech-
nique. To evaluate the possibility of polytype
transformation  during dynamic deformation,
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recovered and fractured SiC specimens were
characterized using XRD, following the pro-
cedures outlined by Tanaka and Iyi [45]. Each
specimen was scanned by X-rays three times, and
the average data, as well as their standard devi-
ation, are listed in Tables 1 and 2. The results
show that 6H-SiC was the dominant polytype in
both SiC, and that the amount of 6H increases
as the dynamic compressive stress increases. The
6H-SiC content was about 73 + 5% after low
compressive stresses. For loading above 4.5 GPa,

Table 1. Polytypes of SiC-I after impact
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Impact stress  2H (%) 3C (%) 4H (%) 6H (%) 15R (%)
0 040 943 342 78+1 1045
0.8 GPa 433 14+3 641  68+4 8+1
1.4 GPa 2%1 241 4%1  78+4 1543
3.0 GPa 6+3 0+0 14+1 7341 8+3
42 GPa 1+1 949 53 76+5  10+4
4.3 GPa 242 2049 342 6843 743
4.5 GPA® 242 313 S5+1 0 8241 841
4.6 GPa 0+0 6+3  3+3  80+3 1143
4.8 GPa® 1+1 242 241 95+2 1+1

# Fractured.

Fig. 4. (a,b) TEM micrographs of grain boundary, indicated by arrows, showing the absence of an
intergranular phase: (a) SiC-1, (b) SiC-II; (c) intergranular inclusion in isolated region.

(b)
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Fig. 4 (continued)

the 6H-SiC content
shown in Fig. 6.
Tanaka and lyi [45] pointed out that polycrystal-
line SiC does not diffract exactly the same as a
single crystal, and this XRD technique does not
consider lattice defects, such as stacking faults.
Dislocations and stacking faults can create a strain
field to cause a change in the peak width and
height. For example, Pujar and Cawley [46] demon-
strated that stacking faults in 3C-SiC powder pro-
duce an additional peak, higher background noise
and higher intensity from a few diffraction planes.
Tateyama et al. [47] also demonstrated that the den-
sity of stacking faults in 3C-SiC affects the relative
intensity. Although either stacking faults or dislo-
cations influence the integrated intensity signifi-
cantly, the tails of the broadened peaks may
introduce some measurement errors. Nevertheless,
this XRD technique does provide a qualitative
trend; the measured 6H-SiC content varies from 70

increased significantly, as

Table 2. Polytypes of SiC-II after impact

Impact stress 2H (%) 3C (%) 4H (%) 6H (%) 15R (%)
0 140 8+3 4+1 70+3 17+1
0.9 GPa 2+1 1247 5+1 7245 11+3
1.3 GPa 2+0 16+ 6 3+0 71+4 8+2
2.5 GPa 1+1 7+5 542 76 +5 11+2
2.8 GPa 040 13+6 642 70+7 1242
4.2 GPa 4+4 12+4 5+0 68 +1 1241
4.7 GPa 2+2 2+2 6+1 8042 10+1
4.8 GPa® 1+1 947 4+2 80+4 7+1
4.8 GPa 040 342 443 87+1 7+1
4.9 GPa® 1+1 242 3+2 89+4 5+1

# Fractured.

to 90%. Our results indicate that the crystal struc-
ture of SiC changes during the dynamic defor-
mation, and suggest micro-plasticity prior to
failure. The polytype transformation by external
stresses can be readily understood, because the
difference in the polytype structures is only in the
stacking sequence of close-packed planes. Indeed,
Yang and Pirouz [48] report a 6H — 3C transform-
ation induced in the immediate vicinity of indenta-
tion; Shockley partial dislocations were proposed to
cause this polytype transformation.

TEM analysis indicated that the as-pressed SiC-I
had extensive stacking faults. Figure 5(a) shows a
grain with profuse stacking faults/polytypes. The
selected area diffraction (SAD) of Fig. 5(b) reveals
two important features:

1. The brightness of spots varies with a periodicity
of six. Two bright spots are marked by arrows.
There are five spots between them. Song et al.
[49] have shown that this periodicity is character-
istic of the 6H polytype.

2. The diffraction spots exhibit streaking perpen-
dicular to the trace of the stacking faults. This
streaking was also observed by Song et al. [49].
The diffraction pattern was identified by Song et
al. [49]. It represents the <1100> zone of the
6H or the <211> zone of the 3C polytype. The
streaking, which occurs along the [0001] direc-
tion, enables the identification of the plane of the
stacking faults: (0001). Figure 5(c) shows how
the passage of a partial dislocation creates a
stacking fault. The 1/3[1010] dislocation traveled
from left to right and produces a change in the
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6H stacking sequence (ABCACBABCACB ...)
to BCABC. This corresponds to the 3C polytype.
Song et al. [49] explain these shuffles in greater
detail.

Despite the abundance of stacking faults, no dislo-
cations were seen in the as-pressed SiC-I. The as-
pressed SiC-II also had extensive stacking faults
and a higher dislocation density than SiC-I; the dis-
locations in the as-pressed SiC-II were usually in
the vicinity of grain boundaries.

3.3. Microstructural defects in as-pressed SiC and
ruptured fragments

The stacking fault energy in 6H-SiC has been
estimated to be 1.9 and 2.5 mJ/m? by Stevens
[51],

[50] and Maeda er al. respectively. This

2407

stacking fault energy is very low, compared with
the stacking fault energies of f.c.c. metals. For
example, the stacking fault energies for Cu, Al,
and Ni are 163, 238, and 300 mJ/m?, respectively
[52]. As a result, stacking faults can be -easily
generated in SiC. On the other hand, dislocations
are not as common as stacking faults. Amelinckx
et al. [53] examined the 6H-SiC structure, and
concluded that there are two types of dislo-
cations, with the following two Burgers’ vectors:
(1) b=a[1120] and (2) b=¢[0001]. Pilyankevich
and Britun [54] studied the dislocations in SiC
using electron microscopy and concluded that
only Shockley partial dislocations with b=a[1100]
are mobile.

The dynamically ruptured fragments of SiC-I
(Fig. 7) contained extensive stacking faults and dis-
locations. Figure 7(a) shows stacking faults that are

Fig. 5. TEM micrograph of as-pressed SiC-I: (a) SiC grain with extensive stacking faults (DF); (b) cor-
responding diffraction pattern; (¢) schematic of 6H structure and partial dislocation, generating stacking
fault (adapted from Song et al. [49]).
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Fig. 5 (continued)

apparently generated at the grain boundaries and
emitted into the grain interiors. The presence of dis-
locations in the fragments is a marked difference in
the microstructure; Fig. 7(b), dark field (DF) shows
stacking faults emanating from a grain boundary
and dislocations. This type of activity is thought to
result from the dynamic deformation. It should be
mentioned that only isolated grains showed the pre-
sence of dislocations. Nevertheless, it is thought
that these microplasticity events are very important,
since they can initiate failure. The density of dislo-
cations in SiC-II also increased significantly during
dynamic deformation. This is consistent with obser-
vations by Stevens [55], who showed that both dis-

100 -
*
90 + a
—_
o
)
- *
B 80 e an
~— 4 *
g o .
Q a .
Q 709 B o
o
A -
60 T ¢ SiC-I
o SiC-1I
50 t t t t — ——
0 1 2 3 4 5 6
Impact Stress (GPa)

Fig. 6. 6H-SiC content after dynamic deformation.

locations and stacking faults can be induced in SiC
crystals during the failure process, even at room
temperature. Maeda et al. [S1] also demonstrated
that the local stresses generated by indentation can
create dislocations; Seo et al. [56] emphasize the
insertion and extraction of stacking fault layers.

3.4. Micromechanical models for fracture

Compressive failure of brittle materials has
received extensive attention, and several microme-
chanical models (initially derived for homogeneous
materials, without consideration of microstructural
features, such as grain boundaries) have been devel-
oped [1, 2]. There are a number of microstructural
mechanisms that have been identified as failure in-
itiation sites in compressive loading; the ones briefly
described below are the most likely failure initiation
mechanisms for SiC. There is a hierarchy of defects,
which varies according to the processing and com-
position of material. Thus, SiC-I and SiC-II may
have a different mix of defects, resulting in differ-
ences in their mechanical response. The principal
mechanisms are:

(a) Flaws [Fig. 8(a)]. These ellipsoidal defects
have been treated in great rigor by a consider-
able number of researchers. Figure 8(a) shows a
flaw that was produced by the debonding along
a grain boundary. This is a common occurrence
in polycrystalline brittle materials, because the
grain boundaries often contain foreign atoms
and second phases. Upon compression, there is
slippage on the flaw, producing tensile stresses at
the extremities and triggering the formation of
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cracks. Dummer et al. [57] treated this problem,
for tungsten; grain boundary debonds were
found to be initiation sites for intergranular frac-
ture.

(b) Voids and inclusions [Fig. 8(b)]. These are
classic failure initiation sites in ceramics. They
are almost always present and result from imper-
fect processing procedures. These defects are

(@)

often located at the grain boundaries. In SiC,
graphite inclusions were observed. Figure 4(c)
shows a grain-boundary inclusion.

(c) Stress concentration due to dislocation pileups
[Fig. 8(c)]. Microcracks can also be nucleated
from piled up dislocations, as originally pro-
posed by Zener [58] and Stroh [59], and shown
in Fig. 8(c). Applied stresses generate dislo-

Fig. 7. TEM micrograph of dynamically ruptured SiC fragments: (a) SiC grain with stacking faults
emanating from grain boundaries; (b) SiC grain with stacking faults and dislocations.
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cations through Frank—Read or Stroh sources.
These dislocations are often stopped and piled
up along their slip planes at obstacles, such as
grain boundaries. A high shear stress is gener-
ated at the leading dislocation of the piled-up
dislocations, and this stress can be relaxed
through the nucleation of a microcrack (Zener—
Stroh crack). Coalescence of these microcracks
along grain boundaries results in intergranular
fracture.

(d) Stress concentration due to twinning and
stacking faults [Fig. 8(d)]. Lankford [6, 7] pro-
posed a transgranular fracture model through
dilatant cracks. The applied stress nucleates a
twin, which impinges on the grain boundary.
Since grains are misoriented along the grain
boundary, a tensile stress, perpendicular to the
compressive stress, is induced on the grain
boundary. The induced tension stress initiates
and propagates a dilatant crack, leading to the
transgranular fracture. This type of transgranu-
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Fig. 8. Schematic overview of principal damage initiation

mechanisms in SiC: (a) grain boundary debonds and

voids; (b) foreign particles, such as inclusions; (c) dislo-

cation pileups, leading to Zener—Stroh cracks; (d) twins

and stacking faults; (e) dilatant crack produced by elastic
anisotropy (see Appendix A).
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lar dilatant microcrack has been observed and
characterized in granites [60].

Specific to SiC, Song et al. [49] discuss the for-

mation of cracking along the basal plane (0001)
of the 6H phase. These cracks are initiated by
partial dislocations and stacking faults, that pro-
duce stress concentrations.
(e) FElastic anisotropy effect [Fig. 8(e)]. This
effect, which is shown in schematic fashion in
Fig. 8(e), is analyzed in detail in Appendix A.
Different grains have different stiffnesses, due to
elastic anisotropy. Under a compressive applied
traction, internal tensile stresses can be devel-
oped. A simple FEM calculation is carried out
in Appendix A; it is shown that the ‘“‘effective”
Young’s modulus varies between 375 and 475
GPa. This can generate tensile stresses, perpen-
dicular to the loading direction, of 220 MPa,
when the external traction is 5 GPa (compressive
strength). These stresses are higher along the
grain boundaries and inside the stiffest grains.
Ghahremani et al. [61], and Ghahremani and
Shih [62] have shown that high stress concen-
trations can be reached at triple points in poly-
crystalline aggregates subjected to compressive
stresses. Espinosa er al. [63] modeled the com-
pressive failure of Al,O5; and SiC.

It should be mentioned that initiation mechanisms
(a), (c), and (d) produce intergranular microcracks,
whereas (b) and (e) produce transgranular micro-
cracks. It is easy to envision changes in the crack
propagation paths when intergranular microcracks
reach triple points; they can transform fracture to a
transgranular mode. The inverse situation, involving
the change from transgranular to intergranular, can
also be envisioned. Hence, these initiation mechan-
isms do not dictate the mode of fracture.

3.5. Rod impact of SiC

SiC-1I was used in the impact experiment, which
defeated the projectile on the interface (interface
defeat). The experiment was carried out by Hauver
et al. [22-25]; the experimental details can be found
in these sources. A schematic diagram of the
damage pattern is presented in Fig. 9(a). The com-
minution zone (also called Mescall zone), cone
cracks, and lateral cracks can be clearly seen in
Fig. 9(b), and these damage patterns have been
identified by Shockey et al. [64], Viechnicki et al.
[65], and Meyers [66], in other types of impact tests
on ceramics. The high magnification micrograph
[Fig. 9(c)] clearly indicates the intergranular fracture
mode in the comminution zone. The comminuted
particle size was around 5 pum, which was similar to
the initial grain size. The cross-section of the com-
minuted zone has an elliptical morphology, and
there is a thin, undamaged frontal layer, separating
the comminution zone and the impact surface. This
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layer contains visible radial cracks, but has no
apparent comminution. Hauver et al. [22, 23] hy-
pothesized that this thin, undamaged layer is related
to a healing process, resulting from high tempera-
tures at the surface during the plastic deformation
and flow of the projectile. Indeed, Shih ez al. [67]
demonstrated that SiC granules can be densified
during high strain (y > 10), high-strain-rate (¢~3 x
10* s7!) deformation, through a localized heating;
however, there was no apparent shear flow in the
vicinity of this frontal layer. An alternative expla-
nation is provided here (see Section 3.6). To under-
stand the cause of the frontal layer, it is necessary
to estimate the magnitude of the stress at the
impact interface.

A penetrator from cylindrical tungsten alloy
(4.93 mm diameter and 17.7 g/em® density) was
used in the impact experiment. The initial impact
velocity was 1579 m/s. After penetrating through
the shock-wave attenuator and the front support,
the impact velocity at the ceramic front face was
approx. 1482 m/s [68]. At a distance from the inter-
face smaller than the radius of the projectile, a state
of uniaxial strain can be assumed, because this
region was shielded from the radial release waves.
The hydrostatic steady state pressure (Py) gener-
ated by the advancing projectile can be calculated,
using the impact velocity (¥') and projectile density
(pp), through the Bernoulli equation:

1
Py = EpPV2219 GPa. (7

This estimation is based on an assumption that,
after impact, the velocities of both the projectile
and ceramic target are zero. The calculation pro-
vides the lower limit for the impact pressure.

At the interface, rod-impact also generates a
shock pressure, which was attenuated rapidly across
the ceramic target. Using the simplest equation of
state (Us= C+ SU,, where Uy is the shock velocity,
C is the sonic velocity, S is an empirical parameter,
and U, is the particle velocity), the pressure on the
projectile (Pp), equal to the pressure of the target
(Py), can be estimated, as outlined by Meyers [66].
C,, is the sonic velocity of the projectile (4.029 km/s
for W [56]), S, is the parameter of the equation of
state for the projectile (1.237 for W [69]), C, is the
sonic velocity of the ceramic target (8.19 km/s for
SiC), S, is the parameter of the equation of state
for the ceramic target (0.88 for SiC [70]), and U,
and U, are the particle velocities in the projectile
and the target, respectively. The following equations
are used:

Py = pp(Cp + SpUpp)Urp = p(Ci + SiUp) Upt

:Pt (8)

V= Upy = Uy ©)
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V is the projectile (impact) velocity. The interface
undergoes a shock pressure as high as 32 GPa,
which is an upper estimate for the impact pressure.
The shock pressure is obtained from the hydrodyn-
amic approach, derived for planar impact. A more
accurate prediction of the maximum principal and
shear stresses was obtained by Espinosa et al. [63].
The stress state in target for the rod impact is much
more complicated, because of the point loading
condition. Nevertheless, in the frontal layer (380 pm
thick), the impact can be considered as a planar
impact, and the considered approach is fairly
appropriate. The Hugoniot elastic limit (HEL) of
SiC is about 15 GPa [71], which is smaller than the
estimated hydrostatic pressure (19 GPa) and shock
pressure (32 GPa). Conventionally, the Hugoniot
elastic limit is considered as the onset of brittle frac-
ture (comminution) or ductile plastic deformation
[71]. The thin frontal layer undergoes a stress higher
than the Hugoniot elastic limit, and does not have
apparent brittle fracture, implying the presence of
plastic deformation. It will be described how the
lateral confinement impedes crack growth in
Section 3.6. Compressive stresses due to bending
are another possible source of confinement in the
interface region.

3.6. Microstructure and lateral constraint of the
frontal layer

Transmission electron microscopy of the
regions adjoining the impact of the projectile was
carried out by extracting foils parallel to the
impact direction (and parallel to the frontal
plane of SiC). Figure 10 shows a low magnifi-
cation shadowgraph of the thin foil. The jagged
edge represents the perforation. The position of
the foil with respect to the projectile is shown in
the left-hand side. It is taken from the center of
the impact. Several cracks emanate from the
impact surface and are sketched in the right-
hand side. One of them was fully documented
and is marked as Area 2. A transparent area
right at the impact face was observed and docu-
mented; it is marked as Area 1. An area of
approx. 50 um x 200 pm was observed (the rim of
the perforation). Thus, the results presented rep-
resent the typical features of this region. The cracks
were intergranular, as shown in Fig. 11(a). Four
major cracks emanated from the vicinity of the
impact face and they could be followed for approx.
0.1 mm. The KRATOS 1 MeV TEM (also at the
NCEM) was used for this purpose. Figure 11(b)
shows a montage of micrographs using this high
voltage, which enabled transparency of a much lar-
ger area. There is evidence of bifurcation (marked
by arrows in the figure). Nevertheless, there is no
generalized grain boundary separation in this
region, in contrast with the comminuted region
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Fig. 10. Areas observed by transmission electron microscopy in rod-impacted specimen.

adjoining it. Thus the multiplane microcracking
computational approach implemented by Espinosa
[72] captures the principal features of crack in-
itiation and fragmentation and is well suited for
the simulation of the dynamic response of cer-
amics.

A grain with profuse dislocations is shown in
Fig. 12. These dislocations tend to be straight
and are aligned along preferred crystallographic
directions. The dark field image of Fig. 12(b)
enables the identification of two clear orien-
tations. It should be mentioned that this dislo-
cation density is significantly higher than the
one observed in the fragmented Hopkinson bar
specimens (SiC-II).

Compressive failure of brittle material is different
from tensile failure. In compression, microcracks
are nucleated at preexisting flaws and local tensile
fields are required to propagate the microcracks.
These local tensile stress fields can have several ori-
gins, and one of the origins is elastic incompatibil-
ity, described in Section 3.4 and Appendix A.
Compressive failure is associated with the growth
of these compression-induced tension cracks. An
increase in the lateral pressure can suppress the
growth of tension cracks. Microscopically, the sup-
pression of the tension cracks can be related to the
localized inelastic deformation around the crack
tips, as referred to as the plastic zone in Fig. 13(a).
Horii and Nemat-Nasser [73] developed a formu-
lation for the tension cracks and plastic zones, and
defined brittle, ductile and transitional modes for
the compressive failure. The brittle failure is associ-
ated with the unstable growth of tension cracks;
the ductile failure is dominated by the growth of
plastic zones. The transitional mode involves both
plastic zones and tension cracks: plastic zones are
developed in the early stage, but the final failure is
determined by the unstable growth of tension
cracks. The regions of dominance of these three
modes are determined by the lateral confinement
(022/011) and a ductility parameter (A), as shown in
Fig. 13(b); the ductility parameter is defined as:

(10)

where K. is the critical stress intensity factor, 7, is
the shear strength, and 2c is the flaw size. Since the
Hugoniot elastic limit is conventionally considered
as the maximum stress for elastic response under
uni-axial strain, the shear strength can be approxi-
mated as half of the Hugoniot -elastic limit
(r,=HEL/2). As shown in TEM micrographs
(Fig. 11), cracks propagate along grain boundaries,
so that the flaw size (2¢) can be approximated by
the grain size. K. of SiC is 4.1 MPa./m, and the
ductility parameter can then be estimated: A=0.21.
The frontal layer in the rod-impact SiC specimen is
subjected to a uni-axial strain state (g, =e¢33=0),
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Fig. 11. (a) Detail of intergranular microcrack. (b) Montage of TEM micrographs showing trajectory
of crack-Area 2 in Fig. 10.

which is the characteristic of shock waves:

1
&1l = E[Gn —V(on +033)] (1
1
& = E[Uzz —Vv(o11 +033)] =0 (12)
1
&3 = E[Gzz — V(o1 +02)] =0 (13)

where E is the Young’s modulus, and v is the
Poisson’s ratio. Because of the geometry symmetry
(62=033 # 0), the following expression can be
obtained:

g2 \%

= . 14
011 1—v ( )
Poisson’s ratio for SiC is about 0.17, and the lateral

confinement can therefore be obtained: 65,/
011 =0.20. As shown in Fig. 13(b), the frontal layer

falls into the region for ductile failure mode. In ac-
cordance with the model proposed by Horii and
Nemat-Nasser [73] suggesting the presence of the
plastic zones, the TEM analysis clearly shows the
presence of dislocations. The high lateral confine-
ment and its intrinsic high ductility parameter allow
the material to deform inelastically; as a result, the
frontal layer does not exhibit significant comminu-
tion during impact. However, the rod impact gener-
ates spherical stress waves, and the uni-axial strain
condition vanishes rapidly, resulting in a dramatic
decrease in the lateral confinement (0,,/011) through
the surrounding material. Away from the interface,
shear stresses become dominant, and a localized
comminution zone (Mescall zone) develops.

4. CONCLUSIONS

1. Two hot-pressed SiC, representing two major
families of SiC, were dynamically deformed by
split Hopkinson—Kolsky bar to study the damage
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0.2

Fig. 12. Dislocations at immediate vicinity (10 um) from impact interface (Area 1 in Fig. 10): (a) bright
field; (b) dark field.

evolution. The Al-doped SiC-II had a higher
strength than the B-doped SiC-I, because of the
absence of strength-limiting processing flaws.
SiC-I failed by transgranular fracture, whereas,
the SiC-II failed by intergranular fracture. The
fracture mode was independent of the strain rate,
and the SiC-exhibiting intergranular fracture had
a higher fracture toughness, because of crack

deflection toughening.

. The fragment size was influenced by the fracture

toughness, as proposed by Grady [24]. A modifi-
cation of the Grady analysis, with additional
terms for internal damage and plastic defor-
mation, is proposed.

. Polytype transformation was observed during the

dynamic deformation. 6H-SiC was the major
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polytype in both SiC. As the impact stress
exceeded 4.5 GPa, the 6H-SiC content increased.

. Stacking faults and dislocations were the two

major microstructural defects. Dislocations were
not active in SiC-I, but generation and pile-up of
dislocations were observed in the Al-doped SiC
(SiC-11) during dynamic deformation.

. Five failure initiation mechanisms are discussed:

(a) grain-boundary debonds and (b) voids, (c)
Zener—Stroh cracks due to dislocation pile-ups,
(d) stress concentrations at grain boundaries pro-
duced by stacking faults and polytypes, (e) dila-
tant cracks due to elastic anisotropy. Finite
element calculations show that anisotropy effects
can generate local tensile stresses of 220 MPa at
an applied compressive stress of —5 GPa.

. The frontal layer in the rod-impacted SiC in

interface defeat conditions was characterized.
Extensive dislocations were observed at the
impact surface, which was shocked at a pressure
exceeding its Hugoniot elastic limit. We proposed
that it does not exhibit brittle comminution,
because of high lateral confinement, generated by
the surrounding material. This microplastic de-
formation regime is interpreted in terms of a
“ductility parameter” A.
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APPENDIX A
Al. Elastic anisotropy

SiC has various polytypes, and their elastic con-
stants are different. The XRD results indicated that
6H-SiC is the major polytype in both SiC-I and
SiC-II; the elastic constants (stiffness tensor [C]) for
6H-SiC are reported as follows [75]:

[498 186 176 0 0 0 |
186 498 176 0 0 0
176 176 567 0 0 0
[C]= (GPa).
0 0 0 141 0 0
0 0 0 0 141 0
0 0 0 0 0 156
(A1)

The effective Young’s modulus along an arbitrary 77
direction can be calculated through the correspond-
ing strain (¢,) and the stress (o,):

1 &y

E_n = o . (A2)
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Fig. Al. Effective Young’s modulus. (a) On the basal
plane, (b) on the prismatic plane.
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Fig. A2. Effect of anisotropy: (a) schematic diagram for finite element analysis; (b) isostress contours of
o11; (c) isostress contours of a5,. (Positive stresses are tensile; negative stress are compressive.)
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For hexagonal crystals, the effective Young’s mod-
ulus is isotropic on the basal planes and it is given
by 1/E,=Si;. The effective Young’s modulus on
the prismatic planes can be expressed as [76]:

1
7= Sy sin* 0+ S33 cos?

" (A3)
0+ (Sas + 2513) sin 0 cos? 0

where Sj; is the compliance tensor ([S]:[C]fl, and
Si1, S33, Sa4, and Sy5 are 0.00174, 0.00210, 0.00709,
and —0.000540 GPa ', respectively), and 0 is the
angle between the 7 direction and the crystallo-
graphic z-axis (the [0001] direction). The calculated
values for E, on the basal and prismatic planes are
graphically represented in Fig. Al. On prismatic
planes, the stiffness varies from 375 to 475 GPa. In
order to quantitatively evaluate the stresses induced
from compressive tractions by a stiffness mismatch,
a two-dimensional finite element calculation, con-
taining a soft grain (E = 375 GPa) surrounded by a
stiff matrix (E = 475 GPa), was used, as shown in
Fig. 18(a). For simplicity, the soft grain and the
stiff matrix were assumed to deform isotropically,
with the same Poisson’s ratio (v=0.17). A plane
stress condition was used in the calculation. A com-
pressive load (P=5 GPa, representing the failure
strength of SiC) was applied. The following two
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boundary conditions were used:

Ax; =0 atx; =0 and Ax, =0 at
(Ad4)

Xz:O.

The loading direction is parallel to the x, axis, and
the calculated stresses (o;; and ;) are shown in
Figs A2(b) and A2(c), respectively. Stress g4, is ten-
sile and equal to —5 GPa in regions away from the
central grain, as expected. On the other hand, oy,
perpendicular to the external tractions, shows both
tensile and compressive stresses. Induced tensile
stresses in o,, can be identified around the soft
grain, and the maximum tensile stress (220 MPa) is
in the stiff matrix adjacent to the interface between
the two grains. The calculated value of the tensile
stress (220 MPa) is on the same order of magnitude
of the flexural strength of SiC (380-540 GPa). The
tensile stress region in the stiff matrix is marked by
hatching in Fig. A2(a), and the compliant grain is
entirely under tension. This tensile stress, perpen-
dicular to the compressive loading direction, can
nucleate a crack from a local microstructural defect,
such as a stacking fault impinging on the grain
boundary, a pore, a grain boundary phase, or a
grain-boundary ledge. It may cause splitting of the
grains, leading to the transgranular fracture.



