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It is shown that the short pulse durations (0.1 to 10 ns) in laser shock compression ensure a
rapid decay of the pulse and quenching of the shocked sample in times that are orders of
magnitude lower than in conventional explosively driven plate impact experiments. Thus, laser
compression, by virtue of a much more rapid cooling, enables the retention of a deformation
structure closer to the one existing during shock. The smaller pulse length also decreases the
propensity for localization. Copper and copper aluminum (2 and 6 wt pct Al) with orientations
[001] and ½
134 were subjected to high intensity laser pulses with energy levels of 70 to 300 J
delivered in an initial pulse duration of approximately 3 ns. The [001] and ½134 orientations
were chosen, because they respectively maximize and minimize the number of slip systems with
highest resolved shear stresses. Systematic diﬀerences of the defect substructure were observed
as a function of pressure, stacking-fault energy, and crystalline orientation. The changes in the
mechanical properties for each condition were compared using micro- and nanohardness
measurements and correlated well with observations of the defect substructure. Three regimes of
plastic deformation were identiﬁed and their transitions modeled: dislocation cells, stacking
faults, and twins. An existing constitutive description of the slip to twinning transition, based on
the critical shear stress, was expanded to incorporate the eﬀect of stacking-fault energy. A new
physically based criterion accounting for stacking-fault energy was developed that describes the
transition from perfect loop to partial loop homogeneous nucleation, and consequently from
cells to stacking faults. These calculations predict transitions that are in qualitative agreement
with the eﬀect of SFE.
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I.

INTRODUCTION

SHOCK-COMPRESSED copper has been extensively studied for almost 50 years.[1] Most of the studies
were carried out with plate impact, where the plate was
accelerated by gas gun or explosives.[2] Today, laser
shock and isentropic compression experiments are
rapidly evolving as eﬀective methods to explore the
extreme pressure, strain-rate, and temperature regimes
inaccessible through other techniques.[3–5] Although
laser shock compression does not yet have the temporal
and spatial uniformity of pressure as plate impact
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experiments, it has a signiﬁcant advantage, especially
from the point of view of recovery. The postshock
cooling is orders of magnitude faster than in plateimpacted specimens because of two key factors: (1) the
short duration of the pulse; and (2) the rapid decay,
creating a self-quenching medium.
The study of the response of metals to laser shocks
was ﬁrst carried out by Askaryon and Morez[6] in 1963
and further developed by others[7–10] to obtain Hugoniot
data over a broad range of pressures. The shock pulse is
created by focusing a laser beam on the surface of a
material or a transparent ablator material that is placed
on its surface. The rapid heating and thermal expansion
of the materialÕs surface results in a shock wave that
propagates through the material. The duration of the
shock pulse is in the nanosecond regime, which allows
heating to be limited to the ﬁrst few atomic planes of the
sample and to quickly diﬀuse away.
Johari and Thomas[11] studied the defect substructures
of shocked copper-aluminum alloys as early as 1964. It
is well known that the addition of aluminum (<7 pct,
the solubility limit) to copper lowers its stacking-fault
energy and aﬀects the deformation mechanisms activated.[12] Lowering the stacking-fault energy of a material increases its equilibrium partial dislocation spacing,
making it more diﬃcult for partials to ‘‘pinch’’ and
cross-slip. As a result, a change in deformation mechanisms arises where stacking faults and twins become
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predominant. On the other hand, if the stacking-fault
energy is relatively high, the tendency to cross-slip
allows perfect dislocations to be the main contributor to
plastic deformation. Rohatgi et al.[13–15] quantiﬁed the
dislocation density as a function of stacking-fault energy
in shock-deformed Cu-Al alloys using a variety of
techniques including diﬀerential scanning calorimetry.
The dislocation density in their shocked samples
decreased with the decrease in stacking-fault energy,
suggesting a change in deformation mechanism from
slip to twinning.
In this article, the results of laser shock compression
of copper-aluminum alloys will be presented, examining
the eﬀects of crystallographic orientation, pressure
decay, and stacking-fault energy on the deformation
microstructure and mechanical properties. The slip to
twinning transition as a function of pressure, orientation, and stacking-fault energy will be characterized, and
a constitutive-based criterion to predict this transition
will be applied. This research is a continuation of
previous work on monocrystalline copper.[3,4] A new
criterion for the transition from perfect to partial
dislocation nucleation is proposed. This criterion
explains the transition from cells to stacking faults,
why for pure copper the cell structure gives rise to
planar stacking faults above a critical pressure, and how
this transition pressure decreases with a decrease in
stacking-fault energy.
II.

EXPERIMENTAL TECHNIQUES

A. Laser-based Experiments
The shock experiments were carried out at the
OMEGA Laser Facility at the University of RochesterÕs
Laboratory for Laser Energetics and the Janus Facility
at Lawrence Livermore National Laboratory. An illustration of the OMEGA facility is shown in Figure 1(a).
This major facility is 100 m in length and 10 m tall and
can focus up to 40,000 J of energy on a target ~3 mm in
diameter for fusion research purposes. In the mode used
for the current experiments, only one beam was used.
The input laser energies used in the experiments were 70,
200, and 300 J with a 2.5-ns pulse duration. The laser
spot size was ~3 mm and provided energy densities on
the order of 50 MJ/m2. Separate VISAR wave proﬁle
measurements were also performed on thin copper foils
to obtain time-resolved data on the shock wave. These
data were used as a calibrant for the companion
hydrodynamic simulations described subsequently.
Figure 1(b) shows the setup used for laser shock and
recovery. The specimens were surrounded by a cylindrical holder, and the back surface was supported by foam,
which acted as a deceleration medium.
For the recovery experiments, copper single crystals
with 2 and 6 wt pct aluminum and orientations [001]
and ½
134 were selected. The [001] orientation is highly
symmetrical (eight primary slip systems), whereas ½134
is highly asymmetrical (one primary slip system and two
secondary slip systems). The samples were cut into
cylinders with a 5-mm length. They were mounted by
press ﬁt into foam-ﬁlled recovery tubes. The laser
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Fig. 1—(a) Schematic of Omega Laser Facility at the University of
Rochester. (b) Laser shock compression setup.

irradiation took place in a high vacuum chamber with
a single laser beam for 70 and 200 J experiments. The
experiments that occurred at 300 J required two overlapping lasers.
B. Recovery Sample Preparation
Following the laser shock, the samples were recovered
and then sectioned for transmission electron microscopy
(TEM) by wire EDM at distances of approximately
0.25, 0.75, 1.25, and 1.75 mm from the impact surface.
The specimens (labeled A through D, Figure 2(a)) were
then mechanically ground to a thickness of 100 lm and
electropolished using a Struers Tenepol-3 with 30 pct
nitric acid in methanol at -35 C. Figure 2(b) illustrates
the pressure decay as a function of distance in the
specimen for the 200 J experiment. Because the thin foils
were prepared from samples cut at standard distances
from the energy deposition surface, direct observation of
changes in defect substructures could be correlated with
the decay of the shock wave.
C. Recovery Sample Hardness
To determine the extent of shock hardening within the
specimens, a LECO* DM-400 hardness tester was used
*LECO is a trademark of LECO Corporation, St. Joseph, MI.

to obtain Vickers numbers. The microindentation values
were qualitatively compared among the diﬀerent sample
conditions and observations in the TEM. A load of 25
or 50 gf for 15 seconds was used to make the indentations. The average value for each specimen was determined by 10 to 15 hardness measurements. Both
longitudinal and transverse sections were characterized.
The data from the longitudinal orientation were
VOLUME 39A, FEBRUARY 2008—305

Fig. 2—(a) TEM foil slices labeled A through E were cut for analysis. (b) Simulated pressure proﬁle as a function of distance from the shocked
surface, E = 200 J. (c) Peak pressure vs depth for diﬀerent material strengths simulated by LASNEX and HYADES.

compared with nanoindentation measurements. Nanoindentation was carried out in a Nano Instruments
Nano II for a limited number of samples.

value, G is the shear modulus, and T is the temperature
in Kelvin. Equation [1] holds provided that

D. Hydrodynamic Simulations

where ru is the saturation strength.
A range of yield strengths, ry0, from pure hydrodynamic (ry0 = 0) to 870 MPa were used. The upper
bound was taken from the dynamic yield strength
measurements of Meyers.[19] The saturation strength, ru,
and work-hardening rate, b, were held constant at
680 MPa and 0.45, respectively, except for the highest
yield strength simulation, where the values 950 MPa and
0.45 were chosen. The results of these simulations are
presented in Figure 2(c), where, as expected, the cumulative eﬀect of increasing levels of plastic dissipation
result in increased uncertainty in the magnitude of the
pressure wave at a given distance from the loading
surface. These results were used to provide uncertainty
bounds used in the discussion in Section III.

One-dimensional hydrodynamic simulations were
performed using the computer codes LASNEX[16] and
Hyades.[17] Given the ratio of the laser spot size to the
sample diameter and the depth of the removed TEM
samples, the one-dimensional description is expected to
be adequate for all but the samples removed form the
deepest locations. The LASNEX code was used to
simulate the appropriate laser material interaction and
match the measured, time-resolved velocimetry data to
the input pressure proﬁle. Hyades simulations were
performed to consider the eﬀect of material yield
strength on the pressure decay of the shock wave as it
travels through the sample. These simulations employed
a standard pressure and strain-dependent Steinberg–
Guinan (S-G) constitutive description[18] to assess the
uncertainty in the pressure that could be attributed to
each location from which a TEM sample was removed.
The yield strength in the S-G model is given as follows:
ry ¼ ry0 ½1 þ bðe þ ei Þn


1 dG P
1 dG
ðT

300Þ
 1þ
þ
Go dP g1=3 Go dT

½1

where ry0 is the initial yield strength, b is the strainhardening coeﬃcient, n is the strain-hardening exponent, e is the equivalent plastic strain, ei is its initial
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ry0 [1 þ bðe þ ei Þn  ru

III.

½2

EXPERIMENTAL RESULTS AND
DISCUSSION

Observations were made for most of the specimens
indexed as in Figure 2 for the three shock conditions;
70, 200, and 300 J. The complete TEM results (positions
A through D) are shown in this section for the 200 J
experiments for the two orientations: [001] and [134].
For the other shock energies (300 J), TEM is only
shown for position A.
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A. Postshock Cooling in Laser and Flyer Plate
Compression
Figure 3 shows the calculated temperature drop as a
function of distance and time in both laser (a few
nanosecond initial pulse duration) and plate impact
(1.2 ls initial pulse duration) conditions. The calculations were conducted for an initial pressure of 60 GPa
and temperature of 300 K. The specimen lengths are
1 mm for laser shock and 250 mm for plate impact
shock. The calculations were carried out according to
the method described by Cao et al.[2] The temperature
distribution at time t = 0 is set as the one provided
directly from the shock-wave proﬁle. The calculation
assumes that postshock heat transfer dominates the
process. The diﬀerence in cooling time is dramatic. This
is due to the self-quenching medium provided by the
copper specimen in laser shock compression. Whereas
the temperature drops to 400 K in 0.2 seconds for laser
compression, it is still equal to 600 K after 10,000 seconds in plate impact loading. This slow cooling rate in
plate impact experiments is usually accelerated by
having a water trap to capture the specimens. Nevertheless, this is an irregular and uncontrolled process, and
thermal recovery easily sets in after high pressure
(>60 GPa) compression experiments. On the other
hand, laser shock inherently provides a rapid postshock
cooling; this is one of the most signiﬁcant, yet unexplored, advantages of laser shock.

B. Loop Generation at Front
The TEM analysis of laser-shocked pure copper has
been described in detail elsewhere in References 3 and 4.
The discussion is brieﬂy presented here solely to
demonstrate the eﬀect of stacking-fault energy on
Cu-Al alloys. For the [001] orientation, shock experiments at 20 GPa pressures create a cellular dislocation
organization with a medium density of ½[110]-type
dislocations. The average cell size is between 0.2 and
0.3 lm cell size for 20 GPa. Qualitatively, these results
conﬁrm previous observations, albeit at a pulse duration
that is lower by a factor of 10 to 100 than that applied
by Murr.[20] The predicted cell size from MurrÕs data, at
a pressure of 12 GPa, is 0.4 lm. One interesting feature
is the observation of a large number of loops. Dislocation analysis revealed that they were shear loops and not
prismatic loops. Figure 4(a) illustrates the shock front
and formation of dislocation loops on the slip planes. In
this homogeneous loop generation picture, the edge
components of the dislocation move toward and away
from the front, while the screw components move
parallel to the front. Figure 4(b) is an example of the
numerous loops found in the 20 GPa shocked copper
specimens. Figure 4(c) shows similar loops (marked by
arrows) that formed in a Cu-2 pct Al alloy subjected to a
higher (~35 GPa) pressure. Thus, the loop generation
and expansion mechanism is being supported by a
considerable amount of molecular dynamics computations (Lomdahl and Holian[21] and Bringa[22]).
C. TEM of Pure Copper

Fig. 3—(a) Temperature change as a function time and distance for
copper plate impacted at 60 GPa, To = 300 K. (b) Temperature
change as a function time and distance in laser-shocked copper at
60 GPa, To = 298 K.
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At an energy level of 200 J (40 GPa initial pressure),
dense dislocation tangles and stacking faults were
observed. Near the front surface, no dislocation cells
are discernable, but four variants of stacking faults are
observed, as shown in Figure 5(a). These traces are
analogous to previous observations by Murr.[23] The
features are signiﬁcantly diﬀerent from the dislocation
cells observed at the lower energy, and their traces have
orientations along h220i.
Single-crystal copper samples with ½134 orientation
were shocked at energies of 70 and 200 J corresponding
to initial pressures of 20 and 40 GPa. The specimens
shocked at 20 GPa contained a well-deﬁned cellular
network comprised of 1/2h110i dislocations with a
slightly larger (0.3 to 0.4 lm) average cell size as
compared to the [001] orientation (Figure 5(b)). The
dislocation density is on the order of 1013 m-2. The cells
are comprised primarily of three dislocation systems:
(111)½101, (111)½110, and ð111Þ[101]. At the higher
energy of 200 J for the ½134 orientation, the deformation substructure continued to be cellular, albeit with a
ﬁner (0.15 lm) average cell size and a signiﬁcantly
higher dislocation density, 1014 m-2 (Figure 5(c)). This
is in direct contrast to the mechanism change observed
in [001] (Figure 5(a)). Again, the three slip systems
previously described dominate the deformation substructure. A large number of loops are also visible.
These were found to contribute to the cell walls and
were often commonly found within the cells. The
VOLUME 39A, FEBRUARY 2008—307

Fig. 4—(a) Nucleation of dislocation loops at the shock front. (b) and (c) Observation of loops in shocked Cu (40 J; b) (l = large, s = small,
and e = elongated) and Cu-2 pct Al (70 J; c) specimens.

Fig. 5—Defect substructure for pure copper. (a) Four sets of stacking faults (marked A through D) observed in [001] shocked with energy of
200 J (40 GPa), g = 200, and B = [001]. (b) Defect substructure of ½134 copper, shocked with a laser energy of 70 J in beam direction [011],
g = ½
2
22; (c) ½
134, shocked with a laser energy of 200 J in beam direction [011], g = ½222.

diﬀerence observed between the defect substructure of
the [001] and ½
134 orientations is due to the orientation.
Because of the symmetry of [001], interactions between
dislocations are more frequent and enable the defects to
relax into a stacking-fault-dominated substructure. The
½134 orientation consisting of dislocations with limited
mobility and interaction continues to form cells as the
relaxed substructure.
D. TEM of Copper 2 Wt Pct Aluminum
Both pressure and crystal orientation signiﬁcantly
aﬀect the deformation substructures of laser-shocked
Cu-2 wt pct Al. For the [001] orientation shocked at
200 J, stacking faults were readily observed as the
dominant defect substructure for position A, as shown
308—VOLUME 39A, FEBRUARY 2008

in Figure 6(a). Because of the 2 wt pct addition of
aluminum, the stacking-fault energy is nearly half that of
pure copper and one would expect to observe twinning.
However, this is not the case. Instead, four stacking-fault
variants were observed. The faults are well deﬁned with
clean boundaries, have a regular spacing of 250 nm, and
were observed in equivalent proportions. When imaged
at B = [001], they appear at exactly 90 deg to each other
aligned along the ½220 and ½220 directions. The areal
density of stacking faults was high (1.5 · 105 m-1), as
shown in the micrograph. The stacking faults have a
constant width of about 150 nm, but vary considerably
in length with an average on the order of 1 lm. The
spacing of the faults averages 280 nm ± 50 nm. A
moderate number of dislocations are also clearly
observed between the stacking faults. It is diﬃcult to
METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 6—Defect substructures of Cu-2 wt pct Al with [001] orientation shocked at 200 J (40 GPa) imaged with B = (001) and g = [020] for all
conditions: (a) specimen A ~ 0.25 mm from impacted surface, (b) specimen B ~ 0.75 mm from impacted surface, (c) specimen C ~ 1.25 mm from
impacted surface, (d) specimen D ~ 1.75 mm from impacted surface.

determine a dislocation density with the high density of
faults, but a density on the order of 1012 m-2 is
approximated by comparing several specimens.
Position B of the Cu-2 wt pct Al oriented along [001]
also contains stacking faults, though the density was
about one-half of specimen A, 0.74 · 105 m-1, as shown
in Figure 6(b). The width of the faults decreased by
approximately half to 75 nm, but the average spacing
was found to be relatively similar: 300 nm ± 50 nm.
The stacking faults were, on average, shorter (800 nm)
and did not have clean boundaries, as observed in A.
Numerous dislocation loops were observed in the
material, but the overall dislocation density was low.
Positions C and D contained loose dislocation cells
(Figures 6(c) and (d)). The cell size for C was 200 to
300 nm, and the thickness of the cell walls was 100 nm.
The average line length was about 100 nm, and the
dislocation density was on the order of 1014 m-2.
Dislocations appeared to align themselves on speciﬁc
planes yielding areas of dense tangles and regions where
the substructure is less organized. For sample D, the cell
size is approximately 700 nm. The dislocation density is
1013 m-2 with a line length of 200 nm.
The Cu-2 pct wt Al with ½
134 orientation and
shocked at 200 J exhibited twinning (position A, Figure 7(a)). Two variants are observed. The twins were
found in a relatively low proportion, but are the systems
predicted by Schmid factor calculations. The twins
varied in size and proportion with the primary variant,
(111)½
211, having an average length of 4 lm and a
width of 20 to 30 nm. The secondary variant, ð111Þ½112,
had a greater number of twins, but they were shorter in
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length with an average of 2 lm. For ½134, the primary
twinning system has a Schmid factor of 0.4895 and the
secondary system, 0.3857. It was expected that a
cosecondary twinning variant would also be found,
ð111Þ½112, but the occurrence of this system was
relatively rare. This suggests that the sample may have
been slightly misaligned from the ½134 loading axis and,
thereby, preferred the two observed twinning systems
having higher Schmid factors than the calculations
indicate. A high density of dislocations was also
observed (not shown here). These were found as tangles,
loops, and a transitional structure between planar arrays
and cells. The dislocation density was lower than in pure
copper, 1014 m-2, possibly as a result of twinning
competing with slip. The same decrease in dislocation
density with the decrease in stacking-fault energy was
observed by Rohatgi et al.[13–15]
In positions B through D (Figures 7(b) through (d)),
the primary defect substructure was dislocations. Position B consisted of a high density of dislocations,
1014 m-2, with an average line length of 125 nm and cells
averaging 125 nm in diameter. The dislocations were
aligned to three dominant slip directions. Specimen C
had a dislocation density of 1013 m-2 and a line length of
300 nm. Cell sizes averaged 300 nm and were loosely
deﬁned as some dislocations were aligned in planar
arrays. The spacing of these arrays was approximately
450 nm. In specimen D, a large number of dislocation
loops are observed in addition to the planar arrays/
elongated cells. The cell size is 400 nm, the line length is
300 nm, and the dislocation density was on the order of
1012 m-2.
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Fig. 7—Bright-ﬁeld images of Cu-2 wt pct Al with ½134
orientation shocked at 200 J (40 GPa) imaged with B = (011) and g = ½022 for all
conditions: (a) specimen A ~ 0.25 mm from impacted surface, (b) specimen B ~ 0.75 mm from impacted surface, (c) specimen C ~ 1.25 mm from
impacted surface, and (d) specimen D ~ 1.75 mm from impacted surface.

Consistent with Figure 6(a), the [001] Cu-2 wt pct Al
shocked at 300 J (~60 GPa) exhibited high densities of
stacking faults near the front surface (position A), as
shown in Figure 8(a). The areal density is calculated to
be 1.6 · 105 m-1, and the spacing (200 nm) is much
smaller than for position A of the 200 J experiment
(300 nm). The lengths of the faults ranged from 1 to
5 lm and their thickness averaged 100 nm. They were
aligned along {011} directions when viewed from the
(001) zone axis.
The Cu-2 pct wt Al oriented along ½
134 and shocked
at 300 J showed dramatic diﬀerences in the defect
substructure. In position A, twinning was the dominating mechanism (Figure 8(b)). The twins were the
primary variant ½
211 (111). They had an average width
of 200 nm, an average length of 3.5 lm, and a thickness

of 50 nm. The twin spacing was about 500 nm. Highly
dense regions of dislocations were also observed
between the twinned regions made of short lines with
lengths of 50 nm. No estimates of dislocation density
were made due to the large number of twins.
E. TEM of Copper 6 Wt Pct Aluminum
The defect substructure for all energies in Cu-6 wt pct
Al with [001] orientation consisted of either stacking
faults or dislocations, because, for this system, the
stacking-fault energy is less than 5 mJ/m2. The dislocation structure consists of large planar arrays and regions
of dislocation pileup, because the low stacking-fault
energy inhibits cross-slip. Many of
 the dislocations
observed were Shockley partials: 1 1 1 1/6 h112i.

Fig. 8—Defect substructures of Cu-2 wt pct Al shocked at 300 J (60 GPa); specimens A ~ 0.25 mm from impacted surface: (a) [001] imaged with
B = (001) and g = [020], and (b) ½134 imaged with B = (011) and g = ½022.
310—VOLUME 39A, FEBRUARY 2008
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They are glissile on {111} planes. These dislocations
form when ½h110i dislocations dissociate into 1/6h112i,
forming the boundaries of the stacking faults.
For the [001] orientation laser shocked at 200 J, the
defect substructure for the positions (A through C) was
predominantly stacking faults (Figures 9(a) through
(c)). In specimen A, the stacking faults had a width of
100 nm, length of 1 lm, and spacing of 400 nm. The
areal density was 0.84 · 105 m-1. Dislocations were also
observed throughout the specimen, typically near the
fault boundaries. Specimen B contained stacking faults
with a width of 150 nm, a length of 750 nm, and a
spacing of 600 lm. The areal density was 0.56 · 105 m-1.
Dislocations were also observed with an average line
length of 250 nm. In specimen C, stacking faults and
dislocations were observed in equivalent proportions.
The areal density of the faults was 2.4 · 105 m-1 from
faults with an average width of 50 nm, length of
500 nm, and spacing of about 1 lm. The dislocation
density was on the order of 1013 m-2 with an average
line length of 250 nm.
For the ½
134 orientation of the Cu-6 wt pct Al, three
variants of stacking faults were observed in each of the
front surfaces (position A) for the three conditions 70,
200, and 300 J. The Cu-6 wt pct Al ½
134 specimens
shocked at 200 J contained a residual defect substructure similar to the 70 J specimens. Position A had three
variants of stacking faults (Figure 10(a)). There was one
primary stacking-fault orientation observed that had a
larger width, ~200 nm, and an average length of 5 lm.
The other two systems, as predicted by Schmid factors,
are observed in equivalent amounts. They have widths

on the order of 100 nm and lengths of an average 2 lm.
The spacing for these three stacking-fault systems was
equivalent, 250 nm. The areal density for this specimen
was found to be 1.44 · 105 m-1. The formation of the
stacking-fault tetrahedra is likely a result of gliding
screw dislocations. Twinning also was observed in small
proportions, but only on the primary system, ½
211(111).
In positions B and C (Figures 10(b) and (c)), dislocations dominate the defect substructure. Position B had a
dislocation density of 1013 m-2 and an average line
length of nearly 1 lm. The dislocations are preferentially aligned along speciﬁc planes with a spacing of
1 lm, and it is evident that there is one primary slip
system, ½101(111). Some stacking faults were also
observed with most being aligned to ½211(111). In
specimen C, each of the three slip systems are observed
and are spaced every 300 nm on speciﬁc planes. The
average line length for the primary system is 400 nm,
whereas the secondary slip systems average about
150 nm. The dislocation density is on the order of
1012–13 m-2.
The defect substructure of the 300 J Cu-6 wt pct Al
with [001] orientation specimens was similar to those
shocked at 200 J (Figure 11(a)). The TEM revealed an
areal density of 1.28 · 105 m-1 of faults with a 50-nm
width, 150-nm spacing, and 1.5-lm length. All four
stacking-fault variants were observed creating rectangular patterns in the images similar to those observed in
pure copper. The main diﬀerence between Cu-6 wt pct
Al ½134 samples shocked at 300 J and the other
conditions was the appearance of stacking faults
throughout the specimen (Figure 11(b)). The areal

Fig. 9—Bright-ﬁeld images of Cu-6 wt pct Al with [001] orientation shocked at 200 J (40 GPa) imaged with B = (001) and g = [020] for all
conditions: (a) specimen A ~ 0.25 mm from shocked surface; (b) specimen B ~ 0.75 mm from shocked surface, and (c) specimen C ~ 1.25 mm
from shocked surface.
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Fig. 10—Bright-ﬁeld images of Cu-6 wt pct Al with ½134 orientation shocked at 200 J (40 GPa) imaged with B = (011) and g = ½022 for all
conditions: (a) specimen A ~ 0.25 mm from impact surface, (b) specimen B ~ 0.75 mm from impacted surface, and (c) specimen C ~ 1.25 mm
from impacted surface.

density of stacking faults for the specimen was
1.68 · 105 m-1. The three variants were present in
unequal amounts as the primary system was 200-nm
wide, 1-lm long, and had a spacing every 300 nm,
whereas the other two systems had widths of 75 nm,
were 1-lm long, and had a spacing of 100 nm. Dislocations were visible in the cells formed by the crossing
stacking faults, and they had a line length of 50 to
100 nm.
To summarize this section, Table I gives the observed
defect substructure for each specimen and the related
defect density (stacking-fault areal density or dislocation
density). It was found that stacking faults typically
formed at high pressures and then were found to decay
into either cells or planar arrays of dislocations as the

pressure decayed through the sample. The decreasing
stacking-fault energy enhanced the propensity to form
stacking faults for both orientations. It is also interesting to note that the average line length tended to
increase as dislocation densities decreased as the
pressure wave decayed and the pulse duration broadened. Similarly, cells and planar arrays became more
clearly deﬁned as the time at pressure decreased and the
pulse duration increased. Both of these eﬀects make
sense in terms of dislocation theory (nucleation, growth,
and movement). Twinning was not readily observed in
most of these conditions, suggesting there may be some
unresolved time dependence to nucleate twins. However,
it is possible that many of the stacking faults observed
are actually nanotwins. Because the thickness of the

Fig. 11—Defect substructures of Cu-6 wt pct Al shocked at 300 J (60 GPa): specimen A ~ 0.25 mm from shocked surface (a) [001]. (b) ½134
orientation imaged with B = (011) and g = ½022.
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m-1

m-1
m-1
m-1

planar arrays 1012

cells 1.2 lm 1012–13 m-2
cells 0.7 lm 1013 m-2
cell size 0.15 1013–14 m-2
planar array 1012 m-2
planar arrays 1012 m-2
cells 0.5 lm 1012–13 m-2
planar arrays 1011–12 m-2

cells 0.7 lm 1013 m-2
cell 0.25 lm 1014 m-2
cells 0.1 lm 1014 m-2
planar array 1013 m-2
cells 0.3 lm 1013 m-2
cells 0.50 lm 1013 m-2
planar arrays 1012–13 m-2
stacking faults 0.24 · 105 m-1
stacking faults 0.26 · 105 m-1
planar arrays 1013 m-2
planar arrays 1012 m-2
planar arrays 1013 m-2
m-1
m-1

cells 0.4 lm 1014 m-2
stacking faults 0.74 · 105
stacking faults 0.86 · 105
planar arrays 1013 m-2
cells 0.12 lm 1014 m-2
cells 0.10 lm 1014 m-2
stacking faults 0.22 · 105
stacking faults 0.56 · 105
stacking faults 0.74 · 105
planar arrays 1013 m-2
planar arrays 1013 m-2
stacking faults 0.82 · 105

F. Effect of Pressure Decay on Mechanical Properties
The shock amplitude at the surface of the Cu-Al
crystal can be extracted from the laser impact energies
and hydrocode calculations, which can be veriﬁed by
VISAR measurements. A plot showing the decay of the
pressure wave from a 70 J laser impact in pure copper is
shown in Figure 2(b). Due to the short duration of the
laser pulse, the shock wave decays exponentially in
amplitude and the wavelength broadens nearly linearly
with distance. The decrease in amplitude is a result of
the release wave generated at the front free surface
immediately following the end of the laser deposition.
As mentioned earlier, specimens were cut at regular
distances from the impact surface, so that detailed
characterization of the pressure decay could be performed. This section highlights results from micro- and
nanoindentation measurements to obtain mechanical
property data.
It has been well established that shock compression
strengthens ductile materials more eﬀectively than
quasi-static deformation at the same eﬀective strains.
This hardening eﬀect has been attributed to increased
dislocation densities formed (and stored thereafter) in
shock compression. The ﬂow stress is related to the
dislocation density by
s ¼ s0 þ kq1=2

½3

where s is the shear stress, s0 is the stress obtained when
q1/2 is extrapolated to zero, k is a material constant, and
q is the dislocation density. Additionally, shock loading
can increase the density of twinning, stacking faults, and
point defects, which are reﬂected in the hardness and
strength of the recovered material. In this study,
hardness measurements were made on the specimens
characterized by TEM using micro- and nanoindentation measurements. This method provided an excellent
way to examine the deformation substructures and
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pct
pct
pct
pct
pct
pct
pct
pct
pct
pct
pct
pct

Sample

Al
Al
Al
Al
Al
Al
Al
Al
Al
Al
Al
Al

001
001
001
134
134
134
001
001
001
134
134
134

300 J
70 J
200 J
300 J
Cu-2
Cu-2
Cu-2
Cu-2
Cu-2
Cu-2
Cu-6
Cu-6
Cu-6
Cu-6
Cu-6
Cu-6

70
200
300
70
200
300
70
200
300
70
200
300

J
J
J
J
J
J
J
J
J
J
J
J

dislocations 1015 m-2
stacking faults 1.44 · 105 m-1
stacking faults 1.6 · 105 m-1
planar/cells 1015 m-2
twinning
twinning
stacking faults 0.88 · 105 m-1
stacking faults0.84 · 105 m-1
stacking faults 1.3 · 105 m-1
stacking faults 0.58 · 105 m-1
stacking faults 1.44 · 105 m-1
stacking faults 1.69 · 105 m-1

B
A

planar arrays 1012 m-2

D
C
Position

Summary of Results for Residual Defect Substructure in Cu-Al Alloys
Table I.

twin is small, the transmission electron microscope may
not have been able to resolve the changes in the
diﬀraction pattern. Additional work needs to be done
on a high-resolution transmission electron microscope
to clarify this.
These results are plotted in Figures 12(a) through (c).
The positions A through D were converted into pressures through simulated pressure proﬁles. The transition
from loose dislocations/cells to stacking faults/twins is
approximately indicated in Figure 12(a). As expected,
this transition pressure decreases with decreasing stacking-fault energy. Figures 12(b) and (c) show the change
of dislocation densities and stacking-fault densities vs
pressure, respectively. For a speciﬁc pressure, the
dislocation density decreases with decreasing stacking
fault energy, consistent with plate-impact experiments
by Rohatgi et al.[13–15] Both deformation twinning and
stacking-fault energy formation are the direct consequence of partial dislocation nucleation and expansion.
This will be analyzed in Section IV–B. In the case of
twinning, one has separated loops of partial dislocations
on adjacent planes.

Fig. 12—Experimental results for laser-shocked Cu-Al alloys. (a) Experimentally observed transition from dislocation cells and planar arrays
to stacking faults and twins as a function of composition. (b) Experimentally observed dislocation densities as a function of pressure.
(c) Experimentally determined areal densities of stacking faults as a function of pressure.

relate the TEM observation images to actual mechanical
properties.
Figure 13(a) shows the changes using microindentation hardness measurements for the pure copper oriented along ½
134. Figures 13(b) and (c) show the
hardness data for the Cu-2 wt pct Al, and Figures 13(d)
and (e) show it for the Cu 6 wt pct Al for orientations
[001] and ½
134, respectively. Table II shows the initial
and maximum Vickers hardness values achieved for
each of the conditions. The hardness increases substantially with increasing laser shock energy; a rapid
decrease in the hardness is observed in the ﬁrst 1 mm
of material. The hardness values are somewhat lower
than those observed by Rohatgi et al.[13–15,21] The
measured values are shown in Table II. This diﬀerence
in the hardness measurements is attributed to grain size
strengthening in the polycrystalline material used by
Rohatgi et al.[13–15]
To achieve greater resolution, several samples were
also examined by nanoindentation. Figures 14(a)
through (c) show how the hardness of a Cu 6 pct Al
sample shocked to energy levels of 70, 200, and 300 J
(20, 40, and 60 GPa) changes with distance from the
impact surface. These data were compared to the
microhardness measurements shown in Figure 14(b).
The data agree, showing that there is a substantial drop
in hardness due to the rapid decay of the shock wave.
Table II summarizes the results of the hardness measurements for both techniques by giving the maximum
values obtained.
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IV.

ANALYSIS

A. The Slip-Twinning Transition
In shock loading, the dislocation arrangements are
more uniform than after quasi-static deformation of the
material. High stacking-fault energy materials often are
found to twin above a threshold pressure during shock
compression, whereas they may never twin at quasistatic conditions except at very low temperatures.
Twinning propensity, however, increases in both modes
of deformation (quasi-static and high-strain rate) when
the stacking-fault energy is decreased. Stacking-fault
energy can be manipulated in materials by alloying. For
example, in copper, which has a relatively high stackingfault energy (78 ergs/cm2[12]), the stacking-fault energy is
nearly cut in half by adding 2 wt pct aluminum. This
eﬀect can be correlated to the change in the electron/
atom ratio (e/a) in an alloy, as given by[4]
e=a ¼ ð1  xÞZ1 þ Z2 ¼ 1 þ xdZ

½4

where x is the atomic fraction of the solute in the alloy;
Z1 and Z2 are the number of valence electrons for the
solute and solvent atoms, respectively; and dZ equals
(Z1–Z2). Gallagher[25] and Vöhringer[26] correlated the
SFE to the electron/atom (e/a) ratio for copper alloys
(Eq. [2]) and arrived at the following expression:
 

2
cSF
C
ln
½5
¼ K1
C þ Cmax
cCu
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Fig. 13—Microhardness measurements taken on transverse sections (A through D) as a function of distance from impact surface (0.25, 0.75,
1.25, and 1.75 mm): (a) pure copper with ½134 orientation, (b) Cu-2 wt pct Al with [001] orientation, (c) Cu-2 wt pct Al with ½
134 orientation,
(d) Cu-6 wt pct Al with [001] orientation, and (e) Cu-6 wt pct Al with ½134 orientation.

Table II. Maximum Hardness Measurements for Pure Cu and Cu-Al Alloys for Micro- and Nanoindentation; Measurements are
Also Compared with Values Obtained for Shocked Polycrystalline Samples (X)
Microhardness Measurements–Maximum Hardness (HVN)
Sample

Unshocked

20 GPa

40 GPa

60 GPa

Pure copper [001]
44
91.3
102
123
Pure copper ½134
37
82.4
101
113
Cu-2 wt pct Al [001]
111.6
186
211
218.2
Cu-2 wt pct Al ½134
91.2
130
158.2
198
Cu-6 wt pct Al [001]
123
175
203
241
Cu-6 wt pct Al ½134
105.2
148
169
213.5
Nanoidentation Measurements–Maximum Hardness (GPa)
Pure Cu [001]
—
—
—
1.1
Cu-6 wt pct Al [001]
1.2
1.6
1.8
2.8
Microindentation Measurements of Shocked Polycrystalline Cu and Cu-Al Alloys by Flyer Plate Experiments P = 35 GPa
Pure Cu (Hv)
Cu-2 wt pct Al (Hv)
Cu-2 wt pct Al (Hv)
140
160
230
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Fig. 14—Nanoindentation measurements taken in the longitudinal direction for Cu-6 wt pct Al with ½134 orientation: (a) shocked at 70 J
(20 GPa) and (b) shocked at 200 J (40 GPa). The microhardness values are shown for comparison; (c) shocked at 300 J (60 GPa).

where cCu is the stacking-fault energy for copper, and
C is the concentration of solute atoms. The maximum
concentration of the solute is denoted by Cmax. The
best ﬁt was obtained with K1 = 12.5 and cCu = 78 ±
8 mJ/m2. Equation [5] can be combined with the
mathematical representation of data complied by Venables[27] and Vöhringer.[28] The twinning stress for a
number of copper alloys has been shown to vary with
the square root of the SFE:
rT ¼ K2

c 1=2
SF

½6

Gb

A good ﬁt is obtained with K2 = 6 GPa, and a
similar ﬁt was satisfactorily obtained by Narita and
Takamura[29] for Ni-Ge alloys. Substitution of Eq. [5]
into Eq. [6] yields
rT ¼

K2
Gb1=2

"
exp ln cCu þ K1



C
C þ Cmax

2 #1=2
½7

Table III shows the calculated stacking-fault energies
and twinning stresses for materials of interest: copper
and copper aluminum alloys. The calculated values for
stacking-fault energy are compared to the experimentally obtained values. The twinning stresses are calculated based on the calculated stacking-fault energy
values and neglect any grain size eﬀects. Because a
relationship between twinning stress and composition is
316—VOLUME 39A, FEBRUARY 2008

Table III.

Calculated and Experimentally Determined SFE
for Cu-Al Alloys

Material
Composition
Pure Cu
Cu 0.2 wt pct Al
Cu 2 wt pct Al
Cu 4 wt pct Al
Cu 6 wt pct Al

SFE mJ/m2
SFE mJ/m2
Twinning
(Experimental) (Calculated) Stress (MPa)
57
—
37
7
4

78 ± 8
70
39
19
5

408
—
330
145
108

possible, the eﬀect of stacking-fault energy on the
threshold pressure for twinning can by described analytically and compared to the experimental results
observed by TEM in Section III.
It was shown by Thomas[11,30] that slip and twinning
are competing deformation mechanisms and that they
have a profound eﬀect on the mechanical properties of
materials such as martensitic steels and fcc metals. Slip
has much higher temperature dependence than twinning, establishing slip and twinning domains. The goal
of the current research eﬀort has been to develop a
constitutive description to quantitatively describe this
transition as a function of orientation, stacking-fault
energy, temperature, grain size, and strain rate.
The methodology to be used in the prediction of the
threshold shock amplitude for twinning was delineated
by Murr et al.[31] and Meyers et al.[32] The procedure
presented herein can be used to predict the critical
pressure for twinning in shock compression experiments. It is known that diﬀerent metals have diﬀerent
METALLURGICAL AND MATERIALS TRANSACTIONS A

threshold pressures for the initiation of twinning; it has
been established by Murr[20] and Johari and Thomas[11]
that this pressure is a function of stacking-fault energy
for fcc metals. Another important factor is orientation,
which has never been quantiﬁed except in terms of
resolved shear stress, which does not adequately
describe the diﬀerences.
This is corroborated by the experimental evidence
presented earlier. One can obtain the critical twinning
pressure as a function of e, e_ , and T. The transition from
slip to twinning occurs when the shear stress for
twinning, sT, becomes equal to the shear stress for slip,
ss (i.e., sT ‡ ss or rT ‡ rs), because both mechanisms are
subjected to the same stress system at the shock front. It
should be mentioned that the criterion described here is
based on the critical shear stress for slip and twinning;
the pressure only enters insofar as it determines the
shear stress and strain rate. The application of this
criterion to the shock front necessitates the knowledge
of the strain rate. The strain rate at the shock front has
been established by Swegle and Grady[33] to be
P ¼ kSG e_ 1=4

½8

Two separate aspects have to be considered in the
analysis: (1) shock heating and (2) plastic strain at the
shock front. Both shock heating and plastic strain by
slip (and associated work hardening) alter the ﬂow stress
of material by slip processes and need to be incorporated into the computation. The total (elastic + plastic)
uniaxial strain, e, at the shock front is related to the
change in speciﬁc volume by
V
¼ ee
V0

½9

The pressure dependence on strain, determined from
Rankine–Hugoniot equations, equation of state, and
Eq. [9] is expressed as follows:
P¼

C20 ð1  ee Þ
V0 ½1  Sð1  ee Þ 2

½10

The constitutive response of the copper monocrystal
is represented by the modiﬁed Zerilli–Armstrong expression:
rS ¼ rG þ C2 fðeÞ exp ðC3 T þ C4 T lnð_eÞÞ

½11

where rG, C3, and C4 are adopted from Reference 34
and C2 = 115 MPa. The work hardening f(e) was
incorporated by taking a polynomial representation of
the stress-strain curve for single crystals with the [001]
and ½
134 orientations from Reference 35. This is the
only manner by which the three-stage response can be
incorporated without excessive complexity. The [001]
orientation is expected to have the lowest threshold
pressure for twinning of all orientations, whereas ½134
should have a substantially higher threshold pressure
due to its more gradual hardening. The polynomials
used in these calculations are as follows:
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For [001]:
f ðeÞ ¼ 19466:2 e6  18522:2 e5 þ 7332 e4  1582 e3
þ 189:5 e2  2:4 e þ 0:07

½12

For ½134:
f ðeÞ ¼  6293 e6 þ 7441:4 e5  3163 e4
þ 515:65 e3  4 e2 þ 0:13 e1 þ 0:059

½13

The normal twinning stress (rT) used in this calculation was 408 MPa, calculated from Eq. [6]. We assume
that this critical stress remains constant. The strain rate
and strain associated with a given shock pressure are
calculated given by References 8 and 9, respectively.
The temperature rise is given by the following equation:[36]
Tshock ¼ 1019 P2 þ 2  109 P þ 295:55

½14

The point at which the horizontal line drawn at the
calculated twinning stress value intersects the Z-A stressstrain curve for a given shock pressure is deﬁned as the
critical twinning stress.
The addition of small amounts of aluminum in copper
not only lowers the stacking-fault energy, but drastically
inﬂuences the strength and hardness. In pure metals,
dislocations are relatively mobile, but when solute atoms
are added, the dislocation mobility is greatly reduced. In
these alloys, the solute atoms become barriers to
dislocation motion and can have the eﬀect of locking
them. Substantial work has been done developing solid
solution theory for concentrated solid solutions.[37–40] It
has been determined that the ﬂow stress of concentrated
solid solutions is related to the atomic concentration of
the solute by
r0 / ½CS 2=3

½15

where r0 is the ﬂow stress and CS is the concentration of
the solute. Copper-aluminum has been shown to follow
this description.[41] It was therefore assumed reasonable
to incorporate this compositional term into the modiﬁed
Z-A equation, as shown subsequently:
2=3

rs ¼ rG þ CS C2 fðeÞ exp ðC3 T þ C4 T lnð_eÞÞ

½16

After incorporating the eﬀect of stacking-fault energy
on the twinning stress using Eq. [6] (with experimental SFEs of 2 wt pct Al = 37 mJ/m2, 4 wt pct
Al = 7 mJ/m2, and 6 wt pct Al = 4 mJ/m2) and the
solid solution hardening into the modiﬁed Z-A equation,
it was possible to calculate the critical pressure for
twinning in copper-aluminum alloys. Figure 15 shows
the results from this analysis. For copper-aluminum
oriented to [001], the critical pressure necessary to
nucleate twinning drops from 55 GPa for pure copper
to 5 GPa for Cu 6 wt pct Al. For copper-aluminum
oriented to ½134, the change is from 80 GPa in pure
copper to 12 GPa for Cu-6 wt pct Al.
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Fig. 15—Calculated twinning pressures at diﬀerent Al compositions.

B. Cell to Stacking-Fault Transition
The nucleation of loops has been modeled by Cottrell,[42] Xu and Argon,[43] Rice,[41] and others. An
intriguing mechanism was proposed by Khantia and
Vitek[42] for the generation of dislocations under
extreme conditions. At pressures above 3 to 3.2 GPa,
the activation energy for loop nucleation falls below the
thermal energy and the nucleation should become
thermally activated, whereas under conventional deformation at ambient temperature, it is not activated.
Meyers[46] proposed in 1977 that dislocations in shock
compression were homogeneously generated by loop
expansion. Figure 16(a) shows a shear loop generated
on a plane, making an angle of 45 deg with the shock
compression plane. Whereas the nucleation and growth
of perfect dislocation loops can lead to the formation of
a cellular structure after multiple cross-slip and relaxation of the dislocation conﬁgurations, the stacking-fault
packets observed in shock compression above 20 GPa
cannot be accounted for by this mechanism.
Thus, one has to analyze the energetics for the
nucleation of partial dislocation loops. This treatment
parallels the one for perfect dislocations. Figure 16(b)
shows a partial dislocation loop. There are two significant diﬀerences between Figures 16(a) and (b): (a) the
formation of a stacking fault occurs and (b) the
dislocation composing the loop is Burgers vector bp.
The critical radius can be found from the maximum of
the energy vs radius curve:
dE
¼0
dr

½17

For a perfect dislocation, the critical nucleus size and
energetic barrier for the nucleation of loops can be
calculated in a simpliﬁed approach, by an energetic
analysis in which the total energy is the sum of the
increase of the energy E1, due to circular dislocation
loop (assumed to be one-half edge and one-half screw),
and the work W carried out by the applied stress s on
the loop of radius r:

  
1
2m
2r
ln
 pr2 sb ½18
E ¼ E1  W ¼ Gb2 r
2
1m
r0
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Fig. 16—Generation of (a) perfect and (b) partial dislocations in
shocked samples.

This is described in detail by Hull and Bacon and
Cottrell.[47]
The critical radius is then calculated as a function of
shear stress s:



Gb 2  m
2rc
rc ¼
þ1
½19
ln
8ps 1  m
r0
The total energy of the partial dislocation includes
three components, the energy of the dislocation line, E1;
the energy of stacking faults, E2; and the work done by
shear stress, W:
E ¼ E1 þ E2  W

½20

In this case, the energy of the stacking fault has to be
accomplished by the generation and expansion of
dislocation loops. The shear stresses generated by shock
compression are on the order of the stresses required for
the nucleation of shear loops.

  
1 2 2m
2r
ln
þ pr2 cSF  pr2 sbp
E ¼ Gbp r
4
1m
r0

½21
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The critical radius is obtained from
 2



G pbﬃﬃ3
2m
2rc


rc ¼
þ1
ln
1m
r0
8p psbﬃﬃ3  cSF

½22

where m is PoissonÕs ratio, 0.34 for copper; c is the
stacking-fault energy of copper, 78 mJ/m2; and G is the
shear modulus of copper, equal to 45 GPa at zero
pressure, which changes with pressure as[48]
G ¼ 45 þ 1:36ðGPaÞ

½23

The term b is the Burgers vector; b0 is equal to 2.55 Å
at zero pressure and changes with shock pressure as
sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
"
!#1=3
C20
4PSV0 2SðS  1ÞV0 P
1þ
þ
1
b0
b¼
2PS2 V0
C20
C20
½24
where C0 is 3.94 Km/s, S is 1.489, and V0 is the unit
volume of copper (m3/kg) at zero pressure. The shear
stress, s, can be calculated from shock pressure:
s¼

1  2m
P
2ð1  mÞ

½25

The calculated results are shown in Figure 17(a). It
can be seen that it is much easier to generate the perfect
dislocations at lower pressure than to generate partial
dislocations; while with the increasing of pressure,
partial dislocation is preferable. Figure 17(b) shows
the eﬀect of aluminum content on the transition
pressure. As expected, it decreases with decreasing
SFE. For 5 pct Al, the stacking-fault loops have a
smaller radius than perfect dislocation loops. This is in
good agreement with experiments. The rationale presented in this section explains, albeit not exactly, how
the structure of dislocations can change from cells to
stacking-fault packets. The predicted transition of
6 GPa for pure copper is actually lower than the
experimentally observed results. Experimental evidence
for such an abrupt transition has been gradually
amassing, and the TEM micrograph of Figure 18 is
clear: there are regions of cell and stacking-fault
formation, with well-delineated boundaries. The TEM
micrograph from Figure 18 comes from a quasi-isentropic laser compression experiment at a nominal
pressure of 24 GPa for a [001] monocrystal. One sees
adjacent regions of stacking faults and dislocation cells,
with a well-deﬁned discrete boundary. This was a
fortuitous observation, and the transition can be caused
by pressure or strain rate. Nevertheless, it clearly
illustrates the dual nature of the microstructure induced.
It should be noted that these results are not in agreement
with MD computations by Germann and co-workers,[49–52] which predict perfect dislocations for shock
along [111] and partial dislocations and stacking faults
for [001], even at pressures slightly above the HEL. The
reason for this disagreement is not understood at the
present moment.
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Fig. 17—(a) Critical radius of perfect and partial dislocations decreases with the shock pressure. (b) Transition pressure as a function
of wt pct Al.

Fig. 18—Stacking faults and cells in the same TEM micrograph of
laser-compressed [001] copper demonstrating that there is a critical
value for transition.

V.

CONCLUSIONS

1. It is demonstrated that laser-driven shock compression experiments can provide unique information
on the processes of defect generation at high strain
rates. The results are fully consistent with gas-gun
experiments, which yield pulse durations higher by
two orders of magnitude. The pulse duration in the
current experiments was on the order of nanoseconds, two orders of magnitude lower than plate impact experiments.
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2. It is shown, through heat-transfer calculations, that
postshock cooling is orders of magnitude faster in
laser than in plate impact experiments. This is a signiﬁcant advantage of laser shock compression that
enables this technique to be extended to much higher pressures.
3. The experimental results for pure copper obtained
in a previous investigation were successfully extended to Cu-Al alloys. Two crystallographic orientations were investigated: [001] and ½
134. For [001],
the activation of eight slip systems simultaneously
provides a higher work-hardening rate at the outset
of plastic deformation. This results in higher dislocation densities and ‘‘tighter’’ cells. It also has a
direct bearing on twinning. The orientation ½
134
has less symmetry and a much more gradual workhardening curve correlating to lower dislocation
densities and larger cell sizes.
4. For pure copper, there are two clear regimes of plastic deformation with diﬀerent microstructural features: slip, dominated by dislocations organizing
themselves into cells, and twinning/stacking faults,
characterized by planar features. The orientation
dependence of the threshold pressure for twinning
cannot be explained by diﬀerences in Schmid factors
alone. The experimentally determined slip-twinning
transition occurs for pressures that are orientation
dependent: 30 GPa initial pressure for [001] and
40 GPa initial pressure for ½
134. These values are
higher than the earlier results by DeAngelis and
Cohen:[53] 14 GPa for [001] and 16 GPa for [111].
5. Copper-aluminum alloys (2 and 6 wt pct) were studied in order to determine quantitatively the eﬀect of
stacking-fault energy on the slip-twinning transition.
Somewhat surprisingly, twinning was not a dominant
mechanism in the deformation behavior. However,
large numbers of stacking faults were observed at
higher pressures. The experimental results are compared with analytical calculations similar to pure
copper. Experimentally, the transition between dislocation substructures and stacking faults/twins occurs
at pressures of 9 and 16 GPa for Cu-2 wt pct Al
with [001] and ½
134 orientations, respectively. For
Cu-6 wt pct Al, the transition occurred at 2.0 GPa
along [001] and 5 GPa along ½
134.
6. The experimental results are compared with analytical predictions that enable the calculation of the
threshold pressure for mechanical twinning. The
predicted results compare qualitatively with experimental observations. The deformation transition
between slip and twinning was analytically studied.
A constitutive procedure developed earlier was
applied to all compositions (pure Cu, Cu-2 wt pct
Al, and Cu-6 wt pct Al) and for [001] and ½
134 orientations. Slip and twinning are assumed to be
competing mechanisms, and the analytical predictions are compared to experimental results. The calculated transition pressures for pure Cu are 55 GPa
for [001] and 80 GPa for ½
134. The calculated pressures for Cu-2 wt pct Al are 35 GPa for [001] and
60 GPa for ½
134. The calculated pressures for Cu6 wt pct Al are 5 GPa for [001] and 12 GPa for
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½134. The calculated results are the ﬁrst attempt to
predict the orientation dependence of the twinning
threshold. Although they do not directly match
experimental observations on twinning, they qualitatively explain the diﬀerence encountered.
7. The homogeneous loop nucleation model[19,49] for
shock compression was applied to the transition between cells and stacking-fault packets: this mechanism proposes that shear loops are nucleated at the
shock front and that this may be a thermally activated process. Experimental results and analysis of
loops support this mechanism. This model enables
the calculation of the energetics of partial and perfect dislocation generation. Although under ambient
(zero pressure, room temperature) conditions perfect dislocation loops have a lower critical radius
than partial loops, at a critical shock pressure, the
situation is reversed. This was used to calculate a
transition pressure from perfect to partial dislocation loops that predicts a change from dislocation
cells to stacking faults.
8. The lower dislocation density encountered for Cu6 pct Al can be due to the fact that a greater fraction of the shock-generated dislocations is annihilated. Partial dislocations can more easily be
constricted on unloading and therefore disappear.
Recent MD simulations predict exactly this phenomenon; the dislocation density decreases abruptly
upon unloading. On the other hand, perfect dislocations cross-slip with much more ease and are therefore locked into the substructure.
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